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Abstract

Upon aging at 300–450 �C, nanosize, coherent Al3(Sc1�xTix) precipitates are formed in pure aluminum micro-alloyed with 0.06 at.%
Sc and 0.06 at.% Ti. The outstanding coarsening resistance of these precipitates at these elevated temperatures (61–77% of the melting
temperature of aluminum) is explained by the significantly smaller diffusivity of Ti in Al when compared to that of Sc in Al. Furthermore,
this coarse-grained alloy exhibits good compressive creep resistance for a castable, heat-treatable aluminum alloy: the creep threshold
stress varies from 17 MPa at 300 �C to 7 MPa at 425 �C, as expected if the climb bypass by dislocations of the mismatching precipitates
is hindered by their elastic stress fields.
� 2008 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Micro-alloying additions of scandium to aluminum
(below the maximum solubility of 0.23 at.% Sc at the eutec-
tic temperature) result, upon aging, in the formation of
fine, coherent Al3Sc precipitates with the L12 structure,
which remain coarsening-resistant up to temperatures of
�300 �C [1–8]. When cast to produce coarse grains and
aged to form fine Al3Sc precipitates, binary Al–Sc alloys
exhibit good creep resistance as a result of precipitation
strengthening, up to about 300 �C [9,10]. Above 300 �C,
however, rapid coarsening of the Al3Sc precipitates leads
to a loss in creep resistance. The addition of slower-diffus-
ing elements, which are soluble in Al3Sc, has the potential
to increase the coarsening resistance of Al3Sc precipitates
and thus improve creep resistance of the alloy, in particular
at temperatures beyond 300 �C.

Titanium is a promising candidate as a ternary alloying
element to Al–Sc alloys, since it has the highest solid-sol-
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ubility in aluminum of all trialuminide-forming elements
[1], as well as a high solubility in Al3Sc (up to half of
the Sc atoms can be replaced [11]), leading to a reduction
in the lattice parameter of the Al3(Sc1�xTix) phase [11].
Additionally, the tracer diffusivity of Ti in Al is signifi-
cantly smaller than that of Sc in Al (by a factor of ca.
3 � 10�6 at 300 �C and 4 � 10�5 at 400 �C, respectively
[1,12,13]), which may further reduce the precipitate coars-
ening kinetics and provide creep resistance at temperatures
in excess of 300 �C [14]. A similar improvement in the
coarsening resistance is obtained with the addition of Zr
to Al–Sc alloys [15] and Re to Ni-based superalloys [16].
Indeed, in an electrical resistivity study, it was found that
the addition of 0.06–0.17 at.% Ti to the hypereutectic Al–
0.36 at.% Sc alloy stabilizes the precipitate structure at
300 �C [17]. In a recent study on a dilute, hypoeutectic
Al–0.06Sc–0.06Ti (at.%) alloy, we demonstrated that Ti
segregates at the a-Al/b-Al3(Sc1�xTix) heterophase inter-
face and that the precipitates are remarkably coarsening-
resistant at 300 �C [14], with time exponents smaller than
predicted by a mean-field coarsening model for a ternary
alloy [18].
rights reserved.
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The Al–Sc–Zr system has been studied extensively and
shows many parallels to the Al–Sc–Ti system [1]. Zirco-
nium partitions to the Al3Sc precipitates, forming coarsen-
ing-resistant Al3(Sc1�xZrx) precipitates [15,19], which
retain their L12 structure with up to half the Sc atoms being
replaced by Zr atoms [11,20]. In Al–Sc–Zr alloys, however,
the Zr concentrations in the precipitates are found to be
smaller than this maximum value of x = 0.5 [15,21] as a
result of the small diffusivity of Zr in Al [13]. Several exper-
imental studies show that Zr segregates at the a-Al/b-Al3Sc
heterophase interface forming a spherical Zr-rich shell sur-
rounding the Al3Sc precipitates [19,21–25]. Lattice kinetic
Monte Carlo simulations demonstrate that the formation
of this shell is due to a disparity in diffusivities between
Zr and Sc [26]. Differences between the Al–Sc–Zr and
Al–Sc–Ti systems include a much larger diffusivity of Zr
in Al (by a factor of �20 at 300 �C [12]) and a much smaller
maximum solid-solubility of Zr in Al (by a factor of �10),
as compared with those of Ti in Al [27].

Prior studies on coarse-grained, dilute Al–Sc-based
alloys – binary Al–Sc alloys [6,9,10] as well as ternary
Al–Mg–Sc [28,29], Al–Sc–Zr [15,23,30], Al–Sc–Ti [14]
and Al–Sc–RE alloys [31–33] (RE = rare earth element) –
demonstrate that these alloys are coarsening and creep
resistant up to 300 �C. With Ti additions, the precipitates
are expected to retain their coarsening resistance at temper-
atures significantly greater than 300 �C [14], thus imparting
creep resistance to the alloy at higher temperatures. The
present article demonstrates that this hypothesis is correct
and reports on the microstructure and creep properties of
a dilute ternary Al–Sc–Ti alloy at temperatures in the range
of 300–450 �C, corresponding to homologous temperatures
T/Tm,Al = 0.61–0.77 (where Tm,Al = 933 K is the melting
temperature of aluminum).

2. Experimental procedures

The same alloy as used in a previous creep study at
300 �C [14] was utilized, with the composition Al–0.06Sc–
0.06Ti (at.%), corresponding to Al–0.10 wt.% Sc–
0.10 wt.% Ti (all compositions are in at.% in the remainder
of this article unless otherwise noted). This dilute composi-
tion was chosen so that the alloy was in the a-Al phase field
during homogenization. The alloy was produced by dilut-
ing small quantities of Al–1.2% Sc (Ashurst) and Al–
2.26% Ti (Alcoa) master alloys with 99.99% pure Al in
an alumina crucible in a resistively heated furnace at
750 �C in air. After thorough stirring, the melt was cast
into a graphite mold resting on a large copper platen.
Homogenization was performed at 640 �C for 72 h in air
and terminated by water-quenching to room temperature,
resulting in large grain sizes on the order of �1 mm. The
composition of the homogenized alloy was verified by
Luvak Inc. (Bolyston, MA) to be 0.060 ± 0.003% Sc and
0.059 ± 0.003% Ti with very low concentrations of Fe
and Si impurities (0.0022 ± 0.0003 and 0.0038 ± 0.0005%,
respectively). Aging treatments were performed in air on
creep samples machined into cylinders 8 mm in diameter
and 16 mm in length. The samples to be creep-tested at
300–400 �C were subjected to a double-aging treatment
consisting of 24 h at 300 �C followed by 120 h at 400 �C.
Samples to be crept at the highest temperatures of 425–
450 �C were triple-aged as follows: 24 h at 300 �C, 240 h
at 400 �C and 48 h at 450 �C.

To ensure a uniform temperature during creep testing,
the samples were soaked at the testing temperature for 2 h
prior to loading. Creep tests were performed in a nickel-
based superalloy compression cage and the sample ends
were lubricated with boron nitride to reduce friction
between the cage and the sample. The displacement was
measured with a linear variable differential transducer con-
nected to an extensometer. Sufficient time was allowed to
reach a minimum strain-rate for each successively higher
load applied to the sample. The creep experiments were ter-
minated when a sample achieved a total strain of 10%. No
sample was crept longer than 10 days to ensure that the pre-
cipitates did not coarsen significantly during the test. Vick-
ers microhardness measurements were performed at room
temperature using a 200 g load for 10 s on aged samples that
were mounted in acrylic and ground to a 1 lm surface fin-
ish. Ten measurements were performed on each sample.

Sample blanks for local-electrode atom-probe (LEAPTM)
tomography were produced by mechanically grinding
material to a square cross-section of ca. 300 � 300 lm2.
An atomically sharp tip was then created by electropolish-
ing, starting with a solution of 10 vol.% perchloric acid in
acetic acid and finishing with a solution of 2 vol.% per-
chloric acid in butoxyethanol. LEAP tomography was per-
formed using a LEAP Si instrument (Imago Scientific
Instruments, Madison, WI) [34,35] operating in voltage
pulsing mode at a specimen temperature of 30 K, at a pulse
repetition rate of 200 kHz and with a 20% pulse fraction
(pulse voltage divided by steady-state DC voltage). Prox-
imity histogram plots (proxigrams [36]) were calculated
employing the APEX [37] or IVAS (Imago Scientific Inst.)
software programs, using an isoconcentration surface of
9 at.% Sc (corresponding to the inflection point in the con-
centration vs. distance curve). The average precipitate com-
position was determined by counting the number of atoms
in the precipitates with the interface set at the inflection
point on the Sc concentration profile.

Transmission electron microscopy (TEM) was used to
determine the precipitate radii and was performed using a
Hitachi 8100 at an accelerating voltage of 200 kV. Foils
were mechanically ground to a thickness of 200 lm and
subsequently electropolished in a solution of 5 vol.% per-
chloric acid in methanol at �25 �C.

3. Experimental results

3.1. Microstructure and composition

The addition of Ti results in precipitates that are coars-
ening-resistant and remain nanosize and spheroidal upon



Fig. 2. Two-beam bright-field TEM image ([110] projection) after double
aging (24 h at 300 �C and 120 h at 400 �C), showing Al3(Sc1�xTix)
precipitates with Ashby–Brown strain-field contrast indicative of coherent
precipitates.
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double aging (Fig. 1) and triple aging. The samples are
aged initially at 300 �C for 24 h to nucleate and initiate
the growth of the precipitates at a temperature with a high
solute supersaturation, thereby forming a high number
density of precipitates. Subsequently, the samples are aged
at higher temperatures (400 �C for 120 h for the doubly
aged sample and an additional 120 h at 400 �C and 48 h
at 450 �C for the triply aged sample) to grow and coarsen
the precipitates at a temperature at least as high as the
creep temperature. The double-aged samples, with a final
aging treatment at 400 �C, exhibit an average precipitate
radius of hRi = 8.3 ± 2.9 nm. These precipitates are coher-
ent with the a-Al matrix, as illustrated by the Ashby–
Brown strain-field contrast visible in Fig. 2. For the tri-
ple-aging treatment, hRi increases modestly to
10.0 ± 0.8 nm, despite a significantly higher final aging
temperature of 450 �C (the root-mean-square Ti diffusion
distance quadruples from 39 to 162 nm from the double
to the triple-aging treatment). In contrast, it was found pre-
viously that a single-aging treatment performed at or above
330 �C on the present alloy led to precipitates that were
Fig. 1. Three-dimensional reconstruction of LEAP tomographic data
displaying two Al3(Sc1�xTix) precipitates in the a-Al matrix after double
aging (24 h at 300 �C and 120 h at 400 �C). The data set contains 7.7
million atoms. (a) Only Ti atoms are displayed, indicating segregation of
Ti at the heterophase interface. About half of the Ti atoms remain in the
matrix (Ca

Ti = 0.033 at.%). (b) Only Sc atoms are displayed, indicating
strong partitioning of Sc to the precipitate phase with very few Sc atoms
remaining in the a-Al matrix.
heterogeneously nucleated, resulting in a near total loss
of strengthening [14].

The concentration of Ti within the Al3(Sc1�xTix) precip-
itates after double aging (24 h/300 �C and 120 h/400 �C) is
Cb

Ti = 2.8 ± 0.1% Ti, with confined (nonmonotonic) segre-
gation of Ti near the a-Al/b-Al3(Sc1�xTix) matrix/precipi-
tate heterophase interface (visible as a shell in Fig. 1),
where a maximum concentration of 5.8% Ti is found
(Fig. 3). This corresponds to a relative Gibbsian interfacial
excess of Ti atoms compared to Al and Sc atoms at the
a-Al/b-Al3(Sc1�xTix) interface of 3.9 atoms nm�3 (calculated
using the same procedure as in Refs. [14,38]). The a-Al
matrix concentration of Ti, after the double-aging treat-
ment, is Ca

Ti = 0.033 ± 0.005%, corresponding to about
half its initial value (Fig. 4). By contrast, the Sc matrix
Fig. 3. LEAP tomographic proxigram of Al3(Sc1�xTix) precipitates after
double aging (24 h at 300 �C and 120 h at 400 �C). The dashed line
indicates the interface between the a-Al and Al3(Sc1�xTix) phases (based
on an isoconcentration surface of 9 at.% Sc), clearly showing the
segregation of Ti at the heterophase interface. Also shown is a proxigram
for the same alloy after single aging (1536 h at 300 �C) from Ref. [14], with
a smaller root-mean-square Ti diffusion distance, (
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Fig. 5. Vickers microhardness vs. root-mean-square Ti diffusion distance
(
ffiffiffiffiffiffiffiffi
4Dt
p

). Open symbols represent microhardness values for samples before
creep and after aging (either single aging at 300 �C [14], double aging at
300 and 400 �C, or triple aging at 300, 400 and 450 �C). Solid symbols
represent microhardness values of aged samples after creep testing.
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concentration is Ca
Sc = 0.0037 ± 0.0005%, indicating that

most of the Sc has partitioned to the precipitate phase.

3.2. Mechanical properties at ambient and elevated

temperatures

The alloy microhardness at ambient temperature, mea-
sured previously for single aging at 300 �C [14] and mea-
sured here for the double and triple-aging treatments, is
plotted in Fig. 5 as a function of the total Ti diffusion dis-
tance:

P
(4D(T) � t)1/2, where D(T) is the tracer diffusivity

of Ti in Al at the aging temperature T (D(T) = 2.74 �
10�25 and 8.86 � 10�22 m2 s�1 at 300 and 400 �C, respec-
tively [12]), and t is the corresponding aging time. It is
apparent from Fig. 5 that the decrease in microhardness
from single aging at 300 �C for 1536 h to double aging at
300 and 400 �C is modest (about 20 MPa). The microhard-
ness of the double-aged specimens remains constant after
long-term creep at 300–400 �C, even after doubling the
root-mean-square Ti diffusion distance.

Triple aging at 300, 400 and 450 �C leads to a further
small decrease in hardness (25 MPa) as compared to the
double-aging treatment, and the specimen crept subse-
quently at 425 �C retains its microhardness within experi-
mental error, which is indicative of negligible precipitate
coarsening at 425 �C (homologous temperature of 0.75).
Creep at 450 �C for 10 days leads, however, to a near com-
plete loss of hardening after the creep test (the microhard-
ness in the as-quenched state before precipitation is
210 MPa). This is indicative of significant coarsening dur-
ing the creep experiments at 450 �C, and hence the results
of these creep experiments are not reported.
Fig. 4. Ti concentration in the Al3(Sc1�xTix) precipitates and the a-Al
matrix as measured by LEAP tomography vs. root-mean-square Ti
diffusion distance (

ffiffiffiffiffiffiffiffi
4Dt
p

). The data points with diffusion distances less
than 3 nm are for samples single-aged at 300 �C for 24–1536 h (1–64 days)
from Ref. [14]. The double-aging treatment (24 h at 300 �C and 120 h at
400 �C) used for the present creep samples gives a significantly larger
diffusion distance.
Values of hRi after single aging at 300 �C for 24 h (peak
aging) and 1536 h as well as after the double- and triple-
aging treatments, are plotted in Fig. 6 as a function of
the yield stress increment, calculated as one third of the
microhardness increment (microhardness value subtracted
from the as-quenched microhardness) [39]. Also displayed
in Fig. 6 is the theoretical Orowan stress increment, DrOr,
as given by Ref. [40]

DrOr ¼ M
0:4Gb

pk
lnð2R=bÞffiffiffiffiffiffiffiffiffiffiffi

1� m
p ð1Þ

where M = 3.06 is the orientation factor for aluminum [41],
G = 25.4 GPa [42] is its shear modulus, m = 0.345 is its
Fig. 6. Yield stress increment (as calculated from Vickers microhardness)
vs. average Al3(Sc1�xTix) precipitate radius (as determined by TEM) for
single aging at 300 �C [14], double aging (300 and 400 �C), or triple aging
(300, 400 and 450 �C).
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Poisson’s ratio, b = 0.286 nm [42] is the magnitude of its
Burgers vector, k is the inter-precipitate spacing and
R ¼ p=4hRi is the mean planar radius [43]. Although the
predicted Orowan stress increment is somewhat larger than
the measured yield stress increment, the general trend of
decreasing values with increasing hRi indicates that Oro-
wan strengthening is the operating mechanism at these ra-
dii at room temperature, in agreement with previous
studies on Al–Sc [10], Al–Sc–Zr [30] and Al–0.06Sc–
0.005RE (RE = Yb or Gd) [32] alloys.

Fig. 7 presents the minimum creep strain-rate, _e, as a
function of the applied compressive stress, r, for double-
aged samples tested in the range of 300–400 �C and for a
triple-aged sample tested at 425 �C. The minimum creep
rate is determined by plotting strain-rate vs. time to ascer-
tain that a minimum value is truly achieved. The minimum
rate can be fitted to a power-law equation

_e ¼ Aapr
nap exp

�Qap

RgT

� �
ð2Þ

where Aap is a constant, nap is the apparent stress expo-
nent, Qap is the apparent activation energy and Rg is the
universal gas constant. The high value of the apparent
stress exponent (nap = 18–35, Fig. 7) is indicative of a
threshold stress, rth, below which creep is not measurable.
The data can then be fitted to a modified power-law
equation

_e ¼ Aðr� rthÞn exp � Q
RgT

� �
ð3Þ

where A, n and Q are, respectively, the Dorn constant, the
stress exponent and activation energy for diffusion in pure
Al [42]. Values for the threshold stresses, as determined
by plotting _e1=n vs. r (with n = 4.4 [42]), are indicated in
Fig. 7.
Fig. 7. Minimum creep strain-rate vs. applied compressive stress for
double-aged (300 and 400 �C) samples creep-tested at 300–400 �C and a
triple-aged (300, 400 and 450 �C) sample creep-tested at 425 �C. Testing
temperature, average precipitate radius, and threshold stress are marked
next to data.
4. Discussion

4.1. Microstructure and composition

The low coarsening rates of the Al3(Sc1�xTix) precipi-
tates (Figs. 5 and 6) at temperatures up to 450 �C are linked
to the small diffusivity of Ti in the a-Al matrix
(2.2 � 10�20 m2 s�1 as compared to 1.7 � 10�16 m2 s�1 for
Sc in Al at 450 �C) [12]. It is also observed that the Ti
remains localized at the a-Al/b-Al3(Sc1�xTix) interface.
This can be attributed to the fact that diffusion is generally
slower in the L12 precipitates, as compared to diffusion in
the disordered solid-solution FCC matrix, due to a smaller
value of the correlation factor for diffusion in an ordered
structure (L12).

With the creep temperatures approaching the aging tem-
peratures, coarsening of the precipitates during the creep
experiments must be considered. In fact, it was observed
in an Al–Mg–Li–Zr–Sc–Zn alloy that the Al3(Sc,Zr) pre-
cipitates coarsen faster under stress [44]. hRi was found
in that study to be proportional to t1/3 but the coarsening
rate constant was higher, when compared with specimens
at the same temperature aged in the unstressed state. Faster
coarsening during creep was also found in a magnesium-
based alloy [45].

In the present study, the Al–Sc–Ti alloy retains its hard-
ness after the creep experiments up to temperatures of
425 �C (Fig. 5), indicating that coarsening was negligible
and the creep tests valid, for the testing times employed
(<10 days). The exception is the sample crept at 450 �C,
which exhibited a large decrease in microhardness, which
is indicative of an increase in hRi and a loss of coherency.

The change in precipitate volume fraction, /, with creep
temperature must also be considered. For the samples
undergoing the double-aging treatment / = 0.27 ±
0.02 vol.%. The value of / is directly calculated by sub-
tracting the solute content in the matrix after aging from
the overall solute content in the as-quenched state (both
found by LEAP tomographic measurements), assuming
that the amount of solute no longer in the matrix resides
in the precipitate phase with the stoichiometric trialumi-
nide composition. Since the solubility of Sc in the a-Al
matrix increases with increasing temperature, Ca

Sc and
hence / could change during creep. LEAP tomographic
measurements show, however, that only a small increase
in Ca

Sc occurs for aging at higher temperatures:
Ca

Sc = 0.0037 ± 0.0005% after aging at 400 �C for 120 h,
while Ca

Sc = 0.0016 ± 0.0012% after extended (1536 h)
aging at 300 �C. This corresponds to a decrease of / of
only 0.01 vol.%, upon aging at 400 �C.

An additional factor affecting the value of / is that the
Ti concentration in the precipitates increases slowly up to
the double-aging treatment. As shown in Fig. 4, beyond
1536 h of aging, Ca

Ti decreases slowly (0.04 ± 0.006% after
1536 h of aging at 300 �C [14] compared with
0.033 ± 0.005% for the double-aging treatment). The equi-
librium solubility of Ti, however, is not anticipated to be



Fig. 8. Arrhenius plot of threshold stress rth (normalized by the
temperature-dependent shear modulus G) vs. inverse creep temperature
for Al–0.06Sc–0.06Ti. Literature data for other coarse-grained, cast,
precipitation-strengthened alloys are also shown: Al–0.06Sc–0.005Yb [32],
Al–0.06Sc–0.005Gd [32], Al–0.06Sc–0.005Zr [30], Al–0.06Sc [10], Al–0.1Zr
[69,70] and Al–0.1Zr–0.1Ti [69,70] (the latter two alloys have inhomoge-
neous precipitate distributions). The lattice parameter mismatch values
between precipitates and matrix are listed for 300 �C.
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much smaller than this value, since Murray’s calculation of
the ternary phase diagram [46] yields 0.01% at 300 �C and
0.047% at 400 �C for the solubility of Ti in the a-Al matrix.
Ab initio calculations by Liu and Asta [47,48] of the binary
Al–Ti system yielded a larger Ti solubility of 0.11% for
metastable Al3Ti (L12) at 300 �C. This discrepancy may
be due to the presence of Sc reducing the Ti solubility in
the a-Al matrix. These solubility values indicate that the
volume fraction of precipitates should not increase signifi-
cantly during creep due to Ti additions to the precipitates,
since the observed Ti concentrations in the a-Al matrix are
less than the calculated solubility values.

4.2. Effect of temperature on creep properties

The creep rate is strongly sensitive to temperature
(Fig. 7). To eliminate the effect of the threshold stress,
the strain-rate can be considered at constant effective
applied stress (r � rth), defined as the difference between
the applied stress and the threshold stress. By plotting
_e vs. T�1 at constant effective applied stress on an Arrhe-
nius plot according to Eq. (3), the activation energy for
creep, Q, is found to be Q = 130 ± 20 kJ mol�1. This value
is, within experimental error, equal to the activation energy
for Al diffusion in the a-Al matrix (124 kJ mol�1 [49]). This
suggests that climb of matrix dislocations over precipitates
is the operating mechanism, which is controlled by flow of
matrix vacancies biased by the effective stress, as previously
described for dispersion- [50] and precipitation-strength-
ened alloys [51].

Other mechanisms, such as precipitate shearing or
bypass by the Orowan looping mechanism, can be excluded
since the experimental threshold stresses are much smaller
than the ambient temperature yield stress determined from
hardness measurements [14]. The activation energy we find
is similar to those determined for an Al–0.12%Sc alloy
(225–300 �C) [10], and for a direct chill cast Al–Cu–Mn–
Cr–Zr–Fe alloy (250–500 �C) [52], where it was also con-
cluded that dislocation climb is the operating mechanism.

The threshold stress, rth, decreases with increasing tem-
perature, as shown in Fig. 7, and the rate of decrease is fas-
ter than that of the shear modulus, G (Fig. 8). Previous
studies also found a temperature dependence of rth/G
[53,54], which can be expressed as

rth

G
¼ Bo exp

Qo

RgT

� �
ð4Þ

where Bo is a constant and Qo is the activation energy asso-
ciated with a dislocation overcoming an obstacle [52],
although some authors remain uncertain as to its signifi-
cance [55,56]. In Eq. (4), the temperature-dependent shear
modulus for aluminum is G = Go[(1 � (T � 300)/2)/Tm],
where Go = 25.4 GPa and Tm = 933 K [42]. The activation
energy Qo = 20 ± 5 kJ mol�1 is determined by plotting
ln (rth/G) vs. 1/T, according to Eq. (4). The value of rth

at 425 �C was not used in this calculation, because it corre-
sponds to a different pre-aging treatment and the alloy has
a different hRi. This small value of Qo is most likely an
effective activation energy for a complex physical process
or processes for dislocation bypass of precipitates.

To explain the decrease in threshold stress with increas-
ing temperature, previous studies considered the tempera-
ture sensitivity of mechanisms such as detachment of
dislocations from particles [55,57,58], impurities at the
interface [59] or interfacial dislocations [60]. These mecha-
nisms apply to the interaction of dislocations with incoher-
ent precipitates, and are therefore not relevant to the
coherent precipitates in the present Al–Sc–Ti alloy. A
decrease in the threshold stress in alloys with coherent pre-
cipitates [61] has also been discussed for the case where pre-
cipitates are sheared, which is again not applicable to the
present Al–Sc–Ti alloy. Additionally, it was suggested that
the decrease in threshold stress with increasing temperature
can be attributed partially to the decrease in the value of
precipitate volume fraction [54]. In the Al–Sc–Ti system,
however, there is only a small change in volume fraction
with increasing temperature, as discussed previously.

The mechanism controlling creep in the present Al–Sc–
Ti alloy is expected to be dislocation bypass of precipitates
according to the general climb model [62–65], which pre-
dicts a small threshold stress (about 0.06% of the Orowan
stress [65]) independent of precipitate radius. If the precip-
itates exhibit a lattice parameter mismatch with the matrix,
as in the present case, elastic interactions with the climbing
dislocations make the bypass more difficult, resulting in
threshold stress values that increase rapidly with increasing
precipitate radius, as modeled in Refs. [51,66] and observed
in numerous Al–Sc-based alloys [10,29,30]. A higher creep



Fig. 9. Threshold stress rth (normalized by the calculated Orowan stress
DrOr) vs. inverse creep temperature. All data points have similar average
radii (given in parentheses), which permits a direct comparison at 300 �C
between the present Al–0.06Sc–0.06Ti alloy and Al–0.06Sc [10], Al–
0.07Sc–0.02Zr [30], Al–0.06Sc–0.005Yb, and Al–0.06Sc–0.005Gd [32].
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temperature is expected to reduce the threshold stress by
enhancing the kinetics of climb bypass as the vacancy dif-
fusivity increases exponentially with temperature. An addi-
tional mechanism is the reduction in lattice parameter
mismatch between precipitates and matrix with increasing
temperature due to the differences in the coefficients of
thermal expansions between the two phases. This effect is,
however, small in the present system: the unconstrained
lattice parameter mismatch decreases from 0.72% at
300 �C to 0.70% at 425 �C, using the compositions of the
Al–Sc–Ti system as determined by LEAP tomographic
composition measurements and the thermal expansion
coefficient for binary Al3Sc [67].

4.3. Effect of lattice parameter mismatch on creep properties

Plotted in Fig. 8 are threshold stresses for aluminum
alloys with coherent, nanosize precipitates similar to those
in the present alloy, but with a range of lattice parameter
mismatches between precipitates and the a-Al matrix.
For the seven alloys shown, it is apparent that, with
increasing mismatch, the threshold stress at 300 �C
increases. For instance, a binary Al–0.06Sc alloy exhibits
a larger threshold stress than the present Al–0.06Sc–
0.06Ti alloy, as expected from its larger lattice parameter
mismatch (d = 1.05% vs. d = 0.72% [11]), despite near iden-
tical average precipitate radius and volume fractions
(hRi = 8.5 ± 0.5 nm, / = 0.24% [10,67] for Al–Sc vs.
hRi = 8.3 ± 2.9 nm, / = 0.27% for Al–Sc–Ti). Fig. 8 also
demonstrates that the threshold stresses for Al–0.06Sc–
0.005Yb (Al–Sc–Yb) and Al–0.06Sc–0.005Gd (Al–Sc–Gd)
alloys [32] are significantly greater than for the present
Al–Sc–Ti alloy. The lattice parameter mismatches for these
alloys are d = 1.25% and 1.20%, respectively, much greater
than d = 0.72% for the present Al–Sc–Ti alloy. The Al–Sc
[6] and ternary Al–Sc–RE alloys [68], however, coarsen
rapidly above 300 �C, even upon double aging, and thus
lose their creep resistance above that temperature.

Comparisons at higher temperatures can be made with
several alloys with more coarsening-resistant precipitates.
A recent study of Al–0.1Zr (Al–Zr) and Al–0.1Zr–0.1Ti
(Al–Zr–Ti) alloys [69,70] found threshold stresses smaller
than for the present Al–Sc–Ti alloy (Fig. 8). This is in
agreement with the smaller lattice parameter mismatches
exhibited at 300 �C by these alloys: 0.49% for Al–Zr and
ranging from +0.17% to �0.04% for Al–Zr–Ti (these val-
ues are estimations, since the exact composition of the pre-
cipitates was not measured, and their coefficients of
thermal expansion were assumed equal to that of Al3Sc).
Also, these Al–Zr and Al–Zr–Ti alloys exhibit precipi-
tate-free and precipitate-rich zones as a result of their peri-
tectic solidification behavior, so their precipitate volume
fraction is not well defined [1,71]. Finally, a recent study
on an Al–0.07Sc–0.02Zr (Al–Sc–Zr) alloy demonstrates a
larger normalized threshold stress than the Al–Sc–Ti alloy,
as expected from its larger lattice parameter mismatch
(d = 1.04% at 300 �C) with hRi = 8.7 nm [30]. In summary,
all of the above-mentioned alloys appear to validate the
model based on a general climb bypass mechanism affected
by precipitate lattice strains, predicting that the threshold
stress scales with the lattice parameter mismatch between
matrix and precipitates [51].

Fig. 9 displays a plot of the threshold stress, normalized
by the calculated Orowan stress (Eq. (1)), as a function of
the inverse temperature. This normalization procedure
allows for comparison among samples with different pre-
cipitate volume fractions and radii. For the present Al–
Sc–Ti alloy, the volume fraction varies little with creep
temperature, and the average precipitate radii are all within
a narrow range of 8.3–10 nm. Thus, the steep decrease with
temperature of the normalized threshold stress (Fig. 9)
reflects the decrease in the absolute magnitude of the
threshold stress displayed in Fig. 7. For the Al–Sc, Al–
Sc–Zr, Al–Sc–Yb and Al–Sc–Gd alloys (the same alloys
plotted in Fig. 8), the threshold stresses were only mea-
sured at 300 �C. The alloys with the larger lattice parameter
mismatches have higher normalized threshold stresses, con-
firming the trend observed in Fig. 8, while accounting for
differences in volume fraction between the alloys.

5. Conclusions

Cast, coarse-grained aluminum with micro-alloying
additions (0.06 at.%) of both Sc and Ti was subjected to
multi-step aging treatments up to 450 �C to produce pre-
cipitates. The following findings are reached:

� Titanium is incorporated into the Al3(Sc1�xTix) precipi-
tates (L12 structure), whose Ti content increases with
increasing aging time and temperature, especially at
the a-Al/b-Al3(Sc1�xTix) heterophase interface where
Ti segregates.
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� The Al3(Sc1�xTix) precipitates remain nanosize
(hRi 6 10 nm) and coherent up to 450 �C for total
root-mean-square Ti diffusion distances as large as
300 nm. This exceptional coarsening resistance is attrib-
uted to the significantly smaller diffusivity of Ti in Al as
compared to that of Sc in Al.
� The precipitates hinder the motion of matrix disloca-

tions, thus providing creep resistance to the Al–Sc–Ti
alloy in the temperature range of 300–425 �C as demon-
strated by sizeable creep threshold stresses (decreasing
from 17 to 7 MPa over this temperature range).
� The small reduction of lattice parameter mismatch

between precipitates and matrix due to the substitution
of Sc by Ti results in a slight reduction of the normalized
threshold stresses as compared to binary Al–Sc alloys
with the same mean precipitate radii. Titanium-free pre-
cipitates in Al–Sc alloys coarsen rapidly above 300 �C,
thereby rendering the alloys unsuitable for creep appli-
cations. This is unlike the present ternary alloy which
has creep resistance up to 425 �C (an homologous tem-
perature of 0.75) due to the slow-coarsening rate of
the Al3(Sc1�xTix) precipitates.
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